Classical molecular dynamics simulations of the interaction of edge dislocations with precipitates in a-iron are performed. The critical resolved shear stress (CRSS) is determined for various morphologies of precipitates: pure copper and nickel precipitates, ordered and unordered copper/nickel precipitates, copper and nickel precipitates with substitutional iron atoms, copper precipitates of ellipsoidal shape, and copper precipitates with nickel shells. The dependence of the CRSS on the nature of the precipitate is explained by considering the Burgers vector distribution within the precipitates. It is shown that, except for the ordered precipitates, chemical inhomogeneities of the precipitates lower the CRSS with respect to the precipitates consisting of the pure phases.
Introduction
Precipitation hardening is an important issue in real materials, ranging from the classical case of steels containing precipitates due to thermalloading or irradiation, covering design in novel technical alloys of AI or Cu and including Ni-base superalloys.
To be able to model the mechanical behaviour of such materials, e.g. the strengthening, starting from basic physical principles, would provide a valuable tool for materials science, and help in understanding the changes in yield strength and other properties and tailoring alloys towards desired properties.
Molecular dynamics (MD) simulation is an important method used in the study of the interaction between dislocations and precipitates during plastic deformation. In particular, contrary to continuum methods (see [I] and references therein), MD is also able to describe the pinning behaviour with precipitates of new compositions. However, until now this method has been applied only to a few cases. In the case of spherical bcc Cu precipitates in bcc Fe, the· interaction of edge dislocations with precipitates was studied in [2] [3] [4] [5] . In [2] , the interaction of two edge dislocations and a precipitate was considered without extern al load. In [3] the critical resolved shear stress (CRSS) was determined for various radii and distances of the precipitates. The temperature dependence of the CRSS and the inftuence of the phase transformation of the precipitates from bcc to fcc was studied in [5] . While in [2, 3, 5] dislocations with Burgers vector ao/2 (111), glide plane {llO}, and glide direction (111) were considered (as in this work), dislocations with glide plane {112}were used to study pinning effects in [4] .
The scope of this paper differs from those of the previous investigations in that we concentrate on the inftuence of the geometry and the chemical composition of the precipitates on the CRSS. In particular, in addition to Cu precipitates we study the effect of the inclusion of Ni and substitutional Fe atoms. This paper is organized as folIows. In section 2 we describe the simulation method and the detection of the dislocations. In section 3 we present the simulation results. Finally, in section 4 we give a summary and a discussion of the results.
Simulation method
In this paper, classical MD simulations are employed to investigate the dynamics of dislocations. In order to model the interatomic interactions of Fe, Ni and Cu, embedded-atom method (EAM) potentials are used [6] . The total energy for this potential form is given by
Here, F; is the embedding energy function, which gives the energy of atom i in the background electron density P; = LN; pj(rij), with the atomic electron density functions Pj, and <Pij is the pair interaction energy of atoms i and j while rij is the distance between atoms i and j.
For Fe we have used the potential functions given in [7] and far Cu and Ni we have used the functions given in [8] . The functions <Pij for the Fe-Cu, the Fe-Ni and the Cu-Ni interactions are taken from [9] [10] [11] .
The starting configuration of the simulations is similar to the one used in [2] [3] [4] [5] and is shown schematically in figure 1. The simulation cell consists of a block of bcc Fe atoms containing a precipitate and an edge dislocation. We use a simulation box of fixed size with side lengths Lx = 19.7 nm, Ly = 9.73 nm and Lz = 19.7 nm. The precipitate is generated by substituting Fe atoms by Cu and Ni atoms within a given region. In this paper, coherent precipitates are considered; that is, the atoms of the precipitates are located at the lattice sites of the bcc structure. While a-Fe crystallizes in the bcc structure, the bcc phases of Cu and Ni are unstable. The bcc structure of Cu and Ni precipitates, however, is stabilized by the surrounding a-Fe matrix in the case of small precipitates as investigated here. Table I provides the lattice constant, the shear modulus, and the cohesive energy for pure bcc Fe, Cu and Ni, as weil as for B2 CuNi obtained from the EAM potentials. Note that as far as the lattice constants and the cohesive energies are concerned, the values of Fe lie in between the ones for Cu and Ni. Note also that the shear modulus of Cu and Ni are nearly equal but weil below the one for Fe.
The local shear modulus (obtained from the second derivatives of the energy function (I) with respect to the atom positions) and the locallattice constant (obtained from averages of nearest neighbour distances) of the relaxed structure of a Cu precipitate in Fe is given in figure 2 , where a slice through the equatorial plane of the precipitate is shown. It can be seen that both distributions are inhomogeneous and anisotropic. The ideal values of the shear modulus and the lattice constant for bcc Cu are mainly found at the boundary of the precipitate. Within the precipitate, the shear modulus and the lattice constant are different from the values of ideal bcc Cu. This can be eXplained by the presence of small displacements of the atoms in the precipitate away from the bcc structure, which can be considered as the onset of a structure modification to a elose packed fcc structure.
A dislocation in the starting configuration of the model in figure 1is generated by removing infinite rows of precipitates, where the distance of the precipitates equals the length Lz of the simulation box in the z direction. In the y direction, four layers of atoms at the boundaries (shaded regions in figure 1) are constrained to move only in the x and z directions during the simulations. In this paper, only glide planes cutting the centre of the precipitate are considered. The effect of different glide plane heights will be discussed in a separate paper.
In order to apply an extemal shear stress, forces are applied at the upper and lower surfaces in the -x and +x directions to the atoms of the constrained boundary layers in such a way that an external shear stress axy results. The simulations are performed at a constant temperature of 300 K using a Nose-Hoover thermostat [12] with a timestep of 0.5 fs. The finite temperature means that an activation energy für dislocation motion due to the vibration of atoms is included in the simulations.
The~islocation line is detected by using a geometrical algorithm described in [13] : für each (112) lattice plane in the z direction (see figure 3(a) ) we determine the disregistry of the atoms, that is, the relative displacement across the glide plane. After interpolation of the displacements, the derivative of this function is computed resulting in the Burgers vector distribution (BVD). Figures 3(b) and (e) show the smoothed disregistry and BVD for the edge dislocation in a-Fe shown in figure 3(a) . The corresponding atomic configuration has been obtained by equilibrating astart configuration similar to the one described above for a temperature of 300 K and averaging the atom trajectories for a time of 1ps in order to remove temperatu~e fluctuations accompanying the atomic movements. Figure 3(d) shows the BVD for all (112) planes of the configuration, that is, for the complete glide plane. This means that this representation of the BVD is useful to determine the position of the dislocation within a precipitate if the BVD has several maxima. The CRSS of the interaction between a dislocation and a precipitate is determined in the following way. In a first simulation, a small extemal shear stress is applied such that the dislocation attains a stable equilibrium state within the precipitate. Then, in aseries of simulations, the extemal shear stress is increased stepwise until the dislocation detaches from the precipitate. For a given extemal shear stress, the sampie is equilibrated for about 20 ps. The stress increments were chosen to be smaller for stresses close to the CRSS with a final shear stress increment of 8 MPa, which determines the accuracy of the CRSS. The final strain rate is about 107S-I. The typical time to reach the CRSS was about 100 ps. By applying this quasi-static method, the CRSS of the system is determined while inertial and drag effects are not included.
Simulation results

Variation ofprecipitate size
The influence of the size of the precipitates on the CRSS has been investigated by choosing spherical precipitates of different radii. In the starting configuration, Fe atoms within a given radius are substituted by Cu or Ni atoms. Three types of precipitates with different radii are considered here: bcc Cu and Ni precipitates, as weil as ordered CuNi precipitates possessing a B2 structure (o-CusüNisü). The values ofthe CRSS for these precipitates are plottedjn figure 4 . In all cases, the CRSS increases with increasing precipitate radius. However, in the case of the Cu precipitate, the CRSS increases nearly linearly in the range of radii considered, while for the Ni precipitate a strong increase in the range between land 1.25 nm can be observed. For the ordered CuNi precipitates, the CRSSs are found to be higher than for the cases of pure Cu and Ni precipitates. This is to be expected since the cutting of the ordered precipitates creates antiphase boundaries possessing an additional energy. However, we find that for small radii, r = 0.5 nm, and for large radii, r = 1.5 nm, the values for Cu and Ni precipitates are acquired, respectively. For the radius 1.25 nm, we have also studied the CRSS of a precipitate consisting of a random distribution of an equal number of Cu and Ni atoms on the bcc lattice sites (r-CusüNisü). In this case, the CRSS is smaller than in the case of pure Cu, pure Ni and ordered CuNi precipitates. The CRSS for a void of radius r = 1.25 nm is also given in figure 4 .
The void has a larger CRSS than the Cu and Ni precipitate, which is consistent with the results of [3] . Note that the void possesses nearly the same CRSS as the ordered CuNi precipitate. In order to understand the different behaviours of the CRSS of Cu and Ni precipitates for different radii, it is instructive to consider the BVD within the glide plane for the critical loading situation, that is, for an applied shear stress just below the CRSS. For precipitates of radii r = I and 1.25 nm, the visualization of the BVDs at this load is shown in figure 5 . It can be seen that, first, the dislocations are mainly located at the boundaries ofthe precipitates, that is, at the Fe/precipitate interface and, secondly, that the dislocation lines are not continuously distributed within the precipitates; their location may jump for different (112) planes from the left to the right Fe/Cu phase boundary. A measure of the bowing out of the dislocation lines between the precipitates, and correspondingly a measure of the CRSS, is the critical opening angle of the dislocation lines, that is, the angle between the dislocation segments dose to the precipitate. Considering the Cu precipitates in figures 5(a) and (d), it is seen that the dislocations are predominantly located at the right boundary of the precipitate, while in some planes there are seetions of the dislocations also remaining at the Jeft boundary. This situation does not change significantly with the size ofthe precipitates. For Ni precipitates, the BVD is different: für the precipitate with radius r = 1.25 nm, the dislocation is located at the left phase boundary while for the precipitate of radius r = I nm its location has moved to the right boundary. Since a dislocation located at the left side phase boundary of the precipitate has a smaller opening angle, which means a higher CRSS, the different positions of the dislocations at the Ni precipitates explains the difference in the CRSS between the precipitates with radii r = 1.25 and I nm.
For the ordered CuNi precipitates the location of the dislocation within the precipitates is not as sharp as in the case of Cu and Ni. However, the BVD is significantly higher at the left boundary for both radii resulting in a high CRSS in both cases.
Variation ofpredpitate shape
We have also investigated the influence of the shape of the precipitates on the CRSS in the case of Cu precipitates. For these simulations, we have chosen the precipitates to be ellipsoids with the halfaxes in the [I 10 ] direction and perpendicular to the (I 10) glide plane being varied. Within the glide plane, the cut through the precipitate is always given as a disc with radius 1.25 nm. The halfaxis of the precipitate perpendicular to the glide plane has been varied from 0.25 nm (corresponding to a double layer of atoms, which is cut by the dislocation between these atom layers) to 2 nm (corresponding to a prolate ellipsoid). The extreme case of a long cylinder with the same radius of 1.25 nm has also been considered. The resulting CRSSs are plotted in figure 6 . For small values of the varying halfaxis, the CRSS attains a value of about 130 MPa while for large halfaxes of the ellipsoidal Cu precipitates, the CRSS of the cylinder (248 MPa) is almost attained. Within the considered range, the CRSS increases nearly linearly with increasing halfaxis of the ellipsoidal Cu precipitates. The small deviations from linearity can be attributed to deviations of the shapes of the precipitate atom clusters from ideal ellipsoids. It can be seen that the overall variation of the CRSS with changing shape and invariant circular cut surface amounts to 100 MPa. 
Variation of Fe concentration
Real precipitates do not consist of pure Cu or Ni but also contain a certain amount of Fe atoms [14] . In order to determine the effect of substitutional Fe atoms in Cu and Ni precipitates, we have simulated precipitates with different concentrations of Fe atoms in Cu and
Ni precipitates of radius r = 1.25 nm (corresponding to 700 precipitate atoms). The Fe atoms are substituted randomly with a prescribed probability to meet different Fe concentrations. The CRSS for Cu and Ni precipitates containing 0-100% Fe atoms is depicted in figure 7 . It can be seen that the behaviour of Cu and Ni precipitates with Fe atoms is quite different. In the case of Cu precipitates, the decrease of the CRSS with increasing Fe concentration is small for low Fe concentration. However, for Ni precipitates, even a small number ofFe atoms results in a large decrease in the CRSS. This can again be understood by considering the BVD in the critical loading state just below the stress where the dislocation detaches from the precipitate. Figure 8 shows the BVD for the case of 25% Fe atoms. In the case of the Fe2sCu7s precipitate, the dislocation is located mainly at the right phase boundary and within the right half of the precipitate. In some planes, dislocation fragments located at the left boundary of the Cu precipitate in figure 5(a) have moved inside the precipitate or to the right phase boundary. In the case of the Ni precipitate, the situation is different. While the dislocation is located mostly at the left phase boundary of the Ni precipitate ( figure 5 (b», the dislocation has penetrated the Fe2sNhs precipitate and detaches from the right-hand phase boundary (figure 8(b». The dislocation is thus concentrated completely dose to the right phase boundary, which means a high opening angle and a small CRSS.
Shell structure ofprecipitates
There is experimental [14, 15] evidence, that in Fe alloys containing Cu and Ni, precipitates possess a Cu core with an outer Ni shell. In order to study the influence of the thickness of the Ni shell on the CRSS, we have simulated aseries of precipitates with Ni shells ranging from thickness zero (pure Cu precipitate) to maximum thickness (pure Ni precipitate), where the total radius of the precipitates is chosen to be r = 1.25 nm. The CRSS for these precipitates is shown in figure 9 . It can be seen that the CRSS is generally much lower than the values obtained by linear interpolation between the CRSSs ofthe Cu and Ni precipitates. Thus, the shell structure leads to a decrease in the CRSS. However, there exists an intermediate maximum of the CRSS for a Cu core radius of r = 0.6 nm.
This behaviour of the CRSS can be understood by considering the BVD in the critical state. Figure 10 shows the BVD for selected radii of the inner Cu core. In the case of no inner Cu core (that is, a pure Ni precipitate) the BVD is shown in figure 5(b) . The dislocation for this configuration is located mainly at the left phase boundary of the precipitate. For a small inner Cu core, it can be seen in figure 10(a) that the stable position of the dislocation is now mostly located at the right phase boundary of the precipitate with only few planes with dislocation fragments at the left phase boundary. This means a high opening angle of the dislocation with an ensuing low CRSS. For the Cu core radius r = 0.6 nm, it can be seen from figure lO(b) that the situation has changed drastically. The stable position of the dislocation is now at the left phase boundary of the Cu core yielding a small opening angle with an accompanying higher CRSS. For the slightly higher core radius of r = 0.65 nm, however, the stable position of the dislocation is again at the right phase boundary of the precipitate ( figure W(c) ), which means that the location of the dislocation at the left phase boundary is unstable against increasing the radius of the Cu core. For a core radius of r = I nm, it can be seen from figure W(d) that the stable position of the dislocation is now at the right phase boundary of the Cu core leading to a smaller opening angle and an increase of the CRSS. If the radius ofthe Cu core approach es r = 1.25 nm, corresponding to a pure Cu precipitate, there are more stable positions of dislocations at the left phase boundary (see figure 5(a) ) leading to a further increase in the CRSS.
ConcIusions
In this paper, we have presented results of MD simulations of the dislocation-precipitate interaction, where the CRSS for an edge dislocation cutting an infinite roWof precipitates with distances L = 19.7 nm has been determined for various shapes and chemical compositions of precipitates.
Compared to the properties of Cu precipitates, it has been shown that Ni precipitates behave somewhat differently. In particular, the CRSS of Ni precipitates is very sensitive to the presence of Fe or Cu atoms. Generally, the CRSS is lower for chernically inhomogeneaus precipitates than for chemically pure precipitates except for the case of ordered precipitates where order hardening gives rise to an increase in the CRSS.
We have also shown here that the precipitate/matrix interface, tagether with the particle sizes involved, play important roles in the dislocation pinning mechanism in that the pinned dislocation lines are predominantly located in the interface regions. This seems to be a consequence of the tendency of the Cu and Ni precipitates to undergo a structure modification into the fcc structure inside the precipitate while the boundary region can still be considered a bcc structure.
In order to investigate the dislocations, we have considered the BVD in the glide plane, which seerns to be a rather powerful method in cases where the dislocation line cannot be clearly located but is spread out over a region.
Aiming towards practical applications ofMD simulations in materials science, the critical shear stress as derived from the present simulations can be transformed into the critical flow stress by multiplication by the Schmid factor of approximately 3 [16] . However, it should be kept in mind that the present simulations assurne a regular and even distribution of obstacles: in real steels, the sizes of the precipitates are not identical [17, 18] , nor are their mutual distances, nor will dislocations typically hit precipitates at the same moment. Attractive forces between dislocations and precipitates can additionally alter the dislocation dynamics. As demonstrated already for non-shearable precipitates [19] , also in the present case the disorder among the precipitates can reduce the strengthening effect by 50% and more, as compared to the regular cases with equidistant particles of identical size and shape [20] . Detai]s will be published separately.
